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Near-net fabrication techniques are highly beneficial to minimize rare earth
metal usage to fabricate dense fully functional magnets. In this study, feasibility
of using the directed-energy deposition technique for fabrication of magnets is
evaluated. The results show that despite the ability to fabricate highly reactive
materials in the laser deposition process, the magnetic coercivity and remanence
of the hard magnets is significantly reduced. X-ray powder diffraction in conjunction with electron microscopy showed that the material experienced a primary Nd2Fe17Bx solidification. Consequently, the absence of the hard magnetic
phase resulted in deterioration of the build properties.
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Introduction
Different types of rare earth magnets that show
excellent magnetic properties are based on Nd2Fe14B,
SmCo5, Sm2Co17 and Sm2Fe17Nx alloys with a large
magneto-crystalline anisotropy of the hard magnetic
phase [1]. These high performance permanent magnets derive their magnetic properties from the high
magneto-crystalline anisotropy field Hk provided by
the interaction of the 3d–4f electrons in the rare earth
and transition metals [2]. The addition of the rare
earth constituents is crucial to the magnetic properties of these magnets. Recent developments have
been made to enhance coercivity and reduce material
costs by minimizing the heavy rare earth element
(HREE) addition to these magnets [3]. Rare earthbased permanent magnets are the key components in
environmentally friendly technologies such as electric transportation (automotive, marine and aerospace) and direct or hybrid drive wind turbines. Rare
earth permanent magnets remain a critical part of
data storage [2]. However, the high cost of rare earth
raw materials and issues related to an adequate and
dependable supply of heavy rare earths, e.g., dysprosium, are holding back the adoption or expanded
use of these technologies.
Nd–Fe–B-based permanent magnets were initially
reported in late 1981 [4, 5], and ever since significant
strides have been made in the development of new
fabrication techniques [6]. They exhibit at least three
equilibrium phases, i.e., Nd2Fe14B U phase, the hard
magnetic phase and the low melting Nd-rich phase
(g) [3]. A multi-step process has traditionally been
used to fabricate these magnets [7]. NdFeB is cast into
ingots, after casting it is pulverized with a coarse
grind, and then it is jet milled. The resulting particle
size is between 3 and 4 lm (Fisher Sub-Sieve Sizer,
FSSS). Following this, the anisotropic powder is
aligned in a magnetic field of between 10 and 20 kOe
and pressed into a partially dense compact [7]. The
compacts are sintered at 1070 °C and cooled rapidly.
Following the high-temperature sintering, the material is given another thermal treatment at 600 °C to
promote grain refinement and relieve mechanical
stress [7].
Advances in strip casting of rare earth alloys during the mid- to late 1990s have resulted in a refined
microstructure in cooling from the melt resulting in
less alpha iron phase segregation and improved
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2:14:1 crystal development. The high cooling rate
results in a fine grain structure and permitting a
lower rare earth content closer to stoichiometric [8, 9].
Fully dense NdFeB-type materials are brittle, and
hence, machining can be expensive. Machining also
leads to significant material waste up to 50% and
longer manufacturing times. Considering the growing shortage of critical rare earth metals, it is important to explore alternate, near-net shape
manufacturing techniques to reduce the material
waste and the costs associated with secondary
processing.
Additive manufacturing (AM) is a near-net shape
manufacturing technique, which can produce final
parts with minimal material waste [10]. Several AM
techniques are available and are broadly classified
based on the nature of the process as powder bed and
powder blown [11]. We have recently demonstrated the
successful fabrication of NdFeB bonded magnets
using the material extrusion and binder jetting
additive manufacturing techniques [12, 13]. The 3D
printed bonded magnets exhibit magnetic and
mechanical properties comparable to those of injection molded products. Nevertheless, bonded magnets
in general suffer from disadvantages such as reduced
energy product due to the dilution of the magnetization by polymer binders. Exploiting printing
metallic sintered magnet would be beneficial to the
clean energy industry which depends heavily on
strong sintered magnets.
In this work, a powder-blown directed-energy
deposition technique has been used to fabricate
NdFeB sintered magnet. This process is based on the
coaxial laser cladding process where the part is built
in layers. The primary process parameters used to
control the deposit geometry and part density are the
laser power, travel speed and powder feed rate. So
far only limited feasibility studies have been
attempted to fabricate magnets using additive manufacturing. Since the additive manufacturing process
experiences naturally rapid cooling rates, the interface velocities and the solidification structure can be
significantly different from those of the conventional
manufacturing process. In addition, it has been
shown that by increasing the solid–liquid interface
velocities, it is possible to obtain the desired Nd2
Fe14B microstructure. Due to the rapid interface
velocities in the laser DMD (direct metal deposition)
processing, it is hypothesized to shift the solidification mode from non-magnetic or soft phase such as
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primary c iron to primary Nd2Fe14B, thereby maximizing the magnetic properties. Hence, the aim of
this work is twofold:

2.

Feasibility of fabricating NdFeB magnets using
the
laser
powder-blown
directed-energy
deposition
Investigation of the solidification process occurring during laser processing of these builds with
correlation of the microstructure with the magnetic properties
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Experimental procedure
Commercial Magnequench anisotropic MQA-38-14
(designated as MQA) and isotropic spherical MQP-S11-9 (designated as MQP) NdFeB powders were used
for this study. It should be noted that spherical particles are preferred for laser additive process. MQA
powders yield substantially higher-energy product
and remanence compared to MQP powders. Fabrication was performed using the DM103D laser
directed-energy system with a 1-kW high-power
diode laser operating at a wavelength of 910 nm. The
depositions were performed under an Argon blanket,
where the oxygen content was \ 5 ppm, to avoid
oxidation of the rare earth metals. In addition to this,
a stream of Argon was also delivered coaxially along
with the powder to shield the melt pool from oxidation and contamination. The builds were fabricated
using a laser power of 500 W, a powder feed rate of
5.3 g/min and a travel speed of 700 mm/min. A total
of 25 layers were built, and the approximate build
height was about 12.5 mm with a height of 0.5 mm/
layer. To rationalize the observed magnetic properties, characterization was performed to measure the
phase fractions in the build. Following fabrication of
the builds, magnetization properties of the builds
were measured using a Quantum Design MPMS-5
SQUID magnetometer. X-ray diffraction (XRD) was
used to perform the phase identification and quantification measurements for both the as-built material
and the as-received powder. A PANalytical X’Pert
PRO diffractometer with Mo Ka radiation
(k = 0.709319 Å) was used for these measurements.
Phase identification was performed using the JADE
software whereas quantification was achieved
through Rietveld refinement using the HighScore
Plus program. Sections were then prepared for

-150
-30

-20

-10

0

10

20

30

H (kOe)

Figure 1 Magnetization curve of the powder and the sample.
Note the sharp drop in coercivity and remanence of the magnets
after processing.

metallographic analysis and polished using standard
metallographic techniques. Microstructure analysis
of the deposit was then performed using a JEOL
6500S SEM operated at an accelerating voltage of
20 kV. Microstructure analysis of the deposit was
then performed using a JEOL 6500S SEM operated at
an accelerating voltage of 20 kV.

Results and discussions
Figure 1 shows the hysteresis loops for both as-received MQP powders and build after laser deposition. The magnetization for build at 35 kOe reached
about 127.2 emu/g, whereas the starting MQP powder with a theoretical density of 7.43 g/cm3 reached
only 113.0 emu/g. There is a small normal hysteresis
of 500 Oe retained in this material, but the vast
majority of the coercivity was lost after laser processing implying that hard magnetic phase did not
survive. One initial hypothesis to rationalize the loss
in properties was that the rare earth evaporated
during the process. Follow-up chemical composition
testing showed that this was not the case. The results
from the composition analysis are presented in
Table 1. Normally the formation of magnetic properties is associated with the formation of the tetragonal Nd2Fe14B phase. The poor magnetic properties
could be attributed to the absence of Nd2Fe14B or the
creation of alternate, possibly soft phases. The poor
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Table 1 Chemical analysis of
the magnets after laser direct
deposition process
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Element

O

C

Nd

Fe

B

Pr

Ni

Mo

Cr

Weight %

0.091

0.147

16.9

69.5

1.76

2.02

0.020

0.019

0.055

Values presented are weight percent. Very minor impurities of other metals are also present

Figure 2 XRD patterns obtained from the powder (shown below
in black) and the build (shown above in red). Note the sharp
decrease in the intensity of the peaks corresponding to the

Nd2Fe14B hard magnetic phase in the additively manufactured
samples. Also note the corresponding increase in the intensity in
the alpha iron peak after laser processing.

magnetic properties could be attributed to the
absence of Nd2Fe14B. XRD patterns obtained from the
as-received MQA powder and the as-built sample are
shown in Fig. 2. Figure 2 shows that the as-received
powder contained almost 100% Nd2Fe14B, while the
as-built sample showed the presence of additional
phases. Peaks belonging to Nd2Fe17Bx and a-Fe phases were identified in addition to the Nd2Fe14B phase.
The lattice parameters of the constituent phases were
obtained from the Rietveld refinements. Accordingly,
the lattice parameter of alpha Fe was found to be
a = 2.8701 Å, which is close to the literature value
[14–20]. On the other hand, the lattice parameters of
the Nd2Fe14B phase were calculated to be a = 8.7963
Å, c = 12.1923 Å and a = 8.7974 Å, c = 12.1509 Å for
the as-received powder and the as-built sample,

respectively. While the a-lattice parameter did not
change much, the shift in the c-lattice parameter
suggests that there may have been elemental composition change leading to the formation of a magnetically soft phase. To confirm the above hypothesis,
a systematic multi-scale characterization needs to be
performed. The observed lattice parameters from the
as-built sample agree with those reported for Nd2Fe17Bx[19]. The formation of secondary phases also
leads to a diminishing of the desirable hard magnetic
phase. The presence of alpha iron will shunt the field
internally reducing Hcj. To rationalize the drop-in
properties, the solidification sequence in the material
needs to be understood under non-equilibrium conditions. The composition of the metal stable phase
was determined to be x = 1 in Nd2Fe17Bx [21].
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Figure 3 a Scheil–Gulliver solidiﬁcation simulation and a schematic illustrating the solidiﬁcation sequence; and b–d the
schematic illustration of solidiﬁcation sequence in the builds.
Nd2Fe17Bx nucleates in the melt and solidiﬁes. However,

Typically Nd2Fe14B is expected to solidify by a primary c iron mode and subsequently transform peritectically to Nd2Fe14B by a L ? c ? Nd2Fe14B
reaction [22]. However, due to the rapid cooling rates
encountered during the laser deposition process, the
peritectic reaction can be suppressed which results in
the absence of the Nd2Fe14B in the build [14, 16, 19].
To understand the exact mechanism of solidification, Scheil–Gulliver solidification simulation was
performed using THERMOCALCÒ, a commercially
available CALPHAD-based technique. The results
are shown in Fig. 3. The equilibrium pseudo-binary
phase diagram figure shows that for the compositions
used currently solidification starts in the L ? c iron
region. Low solubility of Nd and B in the gamma
phase results in the rejection of Nd and B in the melt,
and progressively the remaining liquid becomes
enriched in solute. The solidification sequence for the
alloy under consideration as per the Scheil–Gulliver
simulation is as follows:
Liquid ! Liquid þ ciron ! Liquid þ Nd2 Fe14 B
! Nd þ Nd2 Fe14 B þ Nd1:1 Fe4 B4
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recalescence events lead to temperature excursions leading to
local melting and re-solidiﬁcation with the primary c mode. The
subsequent allotropic transformation of the primary c to a leads to
the observed microstructure shown in Fig. 3c.

However, the X-ray diffraction data show the
presence of a metastable Nd2Fe17Bx phase something
that the Scheil solidification simulation does not
predict. However, the solidification simulation does
not consider the growth velocity of the solid liquid
interfaces during solidification. Liquid/solid interface velocity becomes a significant factor governing
the phase selection mechanism [23]. It has been
shown using interface response functions that the
solidification mode shifts from primary c to primary
Nd2Fe14B when the interface velocity exceeds 10-3
m/s [24]. For a circular melt pool, the interface
velocity is the welding speed at the center [25], which
for this case is close to 11 9 10-3 m/s (700 mm/min).
Hence, a shift in the solidification mode is quite
possible. Gao et al. [14, 16, 18, 19] have shown that
under conditions of a critical undercooling (* 60 K),
the nucleation of Nd2Fe17Bx becomes favorable compared to Nd2Fe14B. Undercooling of the order of 60 K
can occur under rapid solidification conditions such
as additive manufacturing, and the shift in solidification mode to Nd2Fe17Bx from Nd2Fe14B or c-Fe can
occur [25]. This undercooling promotes the
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Figure 4 a Optical microscopy shows that solidiﬁcation did
proceed in two stages. The ﬁnal stage to solidify is shown inside
the arrows. Note that this zone is sandwiched between two zones,
which solidiﬁed as Nd2Fe17Bx showing that recoalescence events
result in the solidiﬁcation in the primary c mode; b the zone
marked using the arrows has dendritic alpha iron and Nd2Fe14B.

The bright white regions shown in ﬁgure (b) correspond to Nd-rich
phase. Note the ﬂuctuation in the Nd and Fe in the region showing
solute rejection near the primary gamma phase; c shows the
structure of the primary Nd2Fe17Bx dendrites; and d EDS spectra
showing a compositional map of Nd and Fe in the build.

nucleation of the magnetically soft Nd2Fe17Bx [14]. If
the solidification occurred by a primary Nd2Fe17Bx, it
does not explain the presence of Nd2Fe14B and a-Fe
in the final builds. Hence, to rationalize this, optical
and SEM examination was performed, and the results
are shown in Fig. 4.
Figure 4a clearly shows two ‘‘bands’’ (dark etching
regions in the build) in the solidified structure. The
bands are marked with arrows in Fig. 4a. These
bands were present throughout the build at regular
intervals. Surrounding the band are the Nd2Fe17Bx
dendrites characterized by the light etching structure.
Electron microscopy results in Fig. 4b show that the
bands exhibit a Nd-rich structure (the bright white
spots) ? alpha Fe dendrites (dark etching phases
marked ‘‘a’’) and ‘‘2’’ plus Nd2Fe14B structures (the
featureless gray regions marked by the ‘‘3’’). The
microstructure shown in Fig. 4b is the equilibrium
microstructure that one would expect. The number of
recalescence events that the alloy undergoes during

solidification may explain this apparent shift in
solidification mode. During solidification in the primary Nd2Fe17Bx mode, the material experiences a
150 K rise in temperature at 1400 K [14]. This temperature excursion causes the region to exceed the
solidus temperature. As a result of this rise in temperature, the banded zone melts and re-solidifies.
When it re-solidifies, it solidifies in the primary
austenite mode and hence shows the microstructure
that the Scheil solidification simulation predicts
[14, 15]. In addition, EDS spectra reported in Fig. 4d
show that solidification products in the re-melted
region experience significant partitioning of alloying
elements while the Nd2Fe17Bx region does not show
any detectable partitioning of Nd within the dendrites. This shows that the region in the bands
experienced a much slower interface velocity leading
to the solidification of a primary c phase.
It is clear that to prevent the loss in the coercivity
and remanence in the build it is necessary to retain
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the Nd2Fe14B phase. Hence, we need to engineer the
solidification sequence so that the build solidifies as a
primary Nd2Fe14B. Very recently, Jacimovic et al. [26]
demonstrated the printing Nd-Fe-B magnets by
selective laser melting of metals. They succeeded by
fine-tuning the laser (pulsed Nd:YAG with a maximum energy output of 120 W LP) parameters such as
speed, power and focus with the control of the
thickness of the deposited powder layer. The high
cooling rate and the composition of MQP-S alloy
resulted in stabilization of the intended Nd2Fe14B
magnetic phase with small iron segregation compared to the slow cooling rate resulted in much
higher amounts of iron.

Conclusions
In this work, we report the feasibility of using the
directed-energy additive manufacturing technique to
successfully handle reactive rare earth elements
without any significant loss of alloying elements.
Though builds were successfully fabricated, the
magnetic properties were significantly reduced from
that of the starting alloy. X-ray diffraction showed a
large fraction of Nd2Fe17Bx and some Nd2Fe14B along
with a significant fraction of a-Fe. Since this could not
be explained by current theories, microscopy and
CALPHAD-based techniques were used to rationalize the observed microstructure. The microstructure
was a result of the primary Nd2Fe17Bx solidification,
promoted by a rapid liquid solid interface velocity
([ 10-3 m/s). Recalescence events during solidification resulted in remelting part of the Nd2Fe17Bx
leading to the solidification in the primary c phase.
This leads to the formation of the observed bands and
causes the observed (a-Fe ? Nd2Fe14B ?Nd2Fe17Bx)
microstructure to form.
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